Introduction {#Sec1}
============

The effect of He implantation on structural materials has been a topic of interest for many years. Irradiation and implantation of crystalline metals with He ions lead to the generation of point defects such as vacancies, self-interstitials, and He interstitials. Other defects such as vacancy clusters, voids, and prismatic dislocation loops can also form as a result of the coalescences of generated point defects. At room temperature, He has a high diffusivity and low solubility in metals. He ions diffusing through the matrix tend to precipitate at nearby sinks (vacancies, dislocations, and grain boundaries). Entrapment of He interstitials in vacancies leads to the formation of He-vacancy clusters, which act as nuclei for the formation of larger He bubbles by absorbing more He interstitials and irradiation-induced vacancies. He bubbles can eventually produce recoil interstitial atoms, lead to swelling, surface blistering, and flaking^[@CR1]--[@CR7]^. A major concern associated with crystalline metals implanted with He is the degradation of mechanical properties, most notably an increase in yield strength (or hardness) and loss of ductility, caused by the interaction of dislocations with He bubbles and generated defects^[@CR1],[@CR3]--[@CR6]^. Grain boundaries and interfaces are efficient sinks for point defects generated as a result of ion irradiation. Therefore, materials with high densities of sinks, or traps for point defects, are promising candidates for developing materials that need to withstand irradiation under harsh conditions^[@CR8]^. Nanolaminate composites that contain relatively large interface areas between the constituent layers are an example of such materials. Studies of crystalline/crystalline nanolaminates composed of Cu/V^[@CR4],[@CR5],[@CR9]^, Fe/W^[@CR1]^, and Cu/Nb^[@CR2],[@CR4],[@CR10],[@CR11]^ that were subjected to implantation with He ions revealed the effective role of interfaces in reducing the density of He bubbles and suppressing hardening.

In addition to crystalline/crystalline nanolaminates, there has been increasing interest in developing amorphous/crystalline nanolaminates composed of alternating amorphous and crystalline layers as irradiation tolerant materials. Due to the lack of long-range atomic order in amorphous materials, they undergo fluctuations in free volume or local bonding when subjected to irradiation, rather than the generation and coalescence of point defects^[@CR12],[@CR13]^. Additionally, amorphous materials can accommodate implanted He ions into the free volume present in their structure^[@CR8]^. Studies have demonstrated that at low irradiation fluences, certain families of amorphous alloys exhibit better irradiation tolerance than crystalline metals, with no signs of He bubble formation, surface blistering, or flaking^[@CR8],[@CR14]^. Formation of He bubbles has been reported in amorphous alloys at higher irradiation fluences^[@CR14]--[@CR16]^; however, unlike crystalline metals, the presence of He bubbles in the atomic structure of amorphous alloys could lead to improvements in their ductility^[@CR15],[@CR16]^. Studies on amorphous Cu-Zr/crystalline Cu^[@CR8]^, amorphous Ta/crystalline Cu^[@CR17]^, and amorphous Fe-Zr/crystalline Fe nanolaminates^[@CR18]^ demonstrated that amorphous/crystalline interfaces can be effective at reducing bubble density and hardening. However, irradiation-induced devitrification of the amorphous alloy phase has remained a challenge^[@CR8]^. Another example of an amorphous material with unique irradiation/implantation stability is amorphous silicon oxycarbide (SiOC). Our previous studies on SiOC demonstrated that He bubble formation can be entirely averted due to the rapid diffusion of implanted ions out of the structure^[@CR13],[@CR19]^. It was also demonstrated that amorphous/crystalline nanolaminates consisting of amorphous SiOC/crystalline α-Fe have desirable structural stability over a range of irradiation/implantation conditions (i.e., ion species, energy, and temperature)^[@CR20]--[@CR23]^. Potential applications of these nanolaminates include advanced reactor designs and fuel cycle technologies^[@CR20],[@CR22],[@CR24]^. Our studies of the mechanical response of SiOC/Fe nanolaminates, with individual layer thicknesses of 72 ± 10 nm, that were subjected to 3.5 MeV Fe ions to damage levels of 10, 20, or 50 displacements per atom (dpa) demonstrated a lower magnitude of irradiation hardening for the nanolaminate compared to films consisting of only SiOC or Fe^[@CR23]^. Despite the desirable mechanical properties and irradiation tolerance of the SiOC/Fe nanolaminates, their mechanical response after He implantation has not been reported. The present study aims to address this gap by evaluating the mechanical properties of SiOC/Fe nanolaminates and films consisting of only SiOC or Fe before and after He implantation using nanoindentation and *in-situ* scanning probe microscopy (SPM). The observed changes in mechanical properties are explained by implantation-induced microstructural evolutions characterized with X-ray diffraction (XRD) and transmission electron microscopy (TEM). The role of the amorphous/crystalline interfaces is also investigated by studying nanolaminates with different thicknesses of individual layers.

Results {#Sec2}
=======

Implantation-induced changes in atomic structure {#Sec3}
------------------------------------------------

Figure [1](#Fig1){ref-type="fig"} shows the simulated concentration of implanted He ions and irradiation damage (in dpa) along the thickness of the films. The simulations were performed using the ion distribution and quick calculation of damage option in Stopping and Range of Ions in Matter (SRIM)^[@CR25]^. The density used for the SiOC was 2.2 g/cm^3^ ^[@CR20]^ and the displacement energies of Si, O, and C were 15, 28, 28 eV, respectively^[@CR23],[@CR26]^. For Fe, the density used was 6.92 g/cm^3^ ^[@CR27]^ and the displacement energy was 40 eV^[@CR26]^. Based on the simulations, the maximum concentration of the implanted He ions was \~5 at. % in all the films, and the maximum irradiation damage was \~2.6 dpa in the SiOC film and \~3 dpa in the Fe film and the SiOC/Fe nanolaminates. Since irradiation damage is primarily produced by nuclear collisions between the incident ions and target atoms^[@CR28]^, the damage distribution is expected to be closely related to the distribution of implanted ions^[@CR29]^. However, near the end of the ion range, the ions do not have enough energy to create massive collision cascades^[@CR25]^. As a result, the simulated depth at which the maximum irradiation damage occurs (474, 185, and 200 nm in the SiOC, Fe, and SiOC/Fe films, respectively), is shallower than the depth corresponding to the maximum concentration of implanted ions (539, 236, and 306 nm in the SiOC, Fe, and SiOC/Fe films, respectively)^[@CR29]^. Beyond the maxima, both He concentration and irradiation damage decrease and become negligible around a depth of 700, 400, and 450 nm in the SiOC, Fe, and SiOC/Fe films, respectively.Figure 1Simulated concentration of implanted He ions and irradiation damage along the thickness of the (**a**) SiOC, (**b**) Fe, and (**c**) SiOC/Fe films.

The surface topography and average surface roughness (Ra) of the films before and after implantation was studied by atomic force microscopy (AFM). The obtained AFM images (presented in Supplementary Fig. [S1](#MOESM1){ref-type="media"}) did not show any evidence of blistering on the surfaces. According to a semi-empirical formula suggested by Wilson^[@CR30]^, the critical near-surface He concentration (*C*~*He*~) at which blistering occurs in metals is expressed as $\documentclass[12pt]{minimal}
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                \begin{document}$${C}_{He}=0.5-(T/{T}_{m})$$\end{document}$, where *T* and *T*~*m*~ are the absolute working and melting temperatures. Using this expression at a working temperature of 25 °C, the critical He concentration for the Fe film and the nanolaminates was found to be 34%, which is considerably greater than the concentration of implanted He in the present study (≤5%). The obtained Ra values for the as-deposited SiOC film and the thick and thin SiOC/Fe nanolaminates were similar (≤3 nm) and lower than that of the as-deposited Fe film (\~11 nm). Irradiation did not result in a significant change in the Ra values.

The structure of the films before and after implantation was examined by XRD. For the as-deposited and implanted SiOC films, the obtained XRD patterns (Fig. [2a](#Fig2){ref-type="fig"}) do not show any crystalline peaks, demonstrating the stability of the amorphous phase after implantation. The XRD patterns of the as-deposited and irradiated Fe films (Fig. [2b](#Fig2){ref-type="fig"}) demonstrate the presence of (110) and (211) body centered cubic (bcc) Fe peaks associated with the Fe film, as well as (211) and (422) Si peaks from the substrate. There is no evidence that implantation led to the formation of secondary phases. For the thick and thin SiOC/Fe nanolaminates (Figs. [2c and 2d](#Fig2){ref-type="fig"}), the (110), (200), and (211) bcc Fe peaks and (211) and (422) Si substrate peaks are observed in the XRD patterns. There is no evidence that implantation led to phase transformation in the nanolaminates. The XRD patterns of the thick SiOC/Fe nanolaminates indicate a shift of all the bcc Fe diffraction peaks to smaller 2θ values after implantation. An example of this shift for the (110) bcc Fe peak is shown in the inset of Fig. [2c](#Fig2){ref-type="fig"}. A shift to a smaller 2θ value has been attributed to an expansion of the lattice spacing^[@CR2],[@CR5]^. XRD patterns of the thin SiOC/Fe nanolaminates do not exhibit any shifts in the diffraction peaks of bcc Fe (see the inset of Fig. [2d](#Fig2){ref-type="fig"}).Figure 2XRD patterns of the (**a**) SiOC, (**b**) Fe, (**c**) thick SiOC/Fe, and (**d**) thin SiOC/Fe films before and after implantation.

Cross-sectional TEM was used to examine the microstructure of the films before and after implantation and to obtain the corresponding selected area diffraction (SAD) patterns. For the as-deposited and implanted SiOC films, the obtained TEM micrographs (Figs. [3a and 3b](#Fig3){ref-type="fig"}) exhibit uniform contrast throughout the whole thickness. Consistent with the XRD results, no void formation, segregation, or crystallization is observed after implantation. The corresponding SAD patterns show diffuse halo rings that further confirm that the SiOC retained its amorphous structure after implantation.Figure 3Cross-sectional bright-field TEM micrographs of the as-deposited and implanted films.

An examination of the TEM micrographs of the as-deposited and implanted Fe films ([Figs. 3c and 3d](#Fig3){ref-type="fig"}) demonstrate that the Fe grains have a columnar structure oriented along the growth direction. Consistent with the XRD results, the SAD patterns reveal the presence of (110) and (211) bcc Fe and no indication of phase transformation after implantation. The average size of the Fe grains was estimated to be 18 ± 5 nm in the as-deposited film. After implantation the average grain size increased to 69 ± 13 nm.

The TEM micrographs of the thick and thin SiOC/Fe nanolaminates before and after implantation are shown in Figs. [3e--3h](#Fig3){ref-type="fig"}. The alternating layers of SiOC and Fe have sharp interfaces and uniform thicknesses, although topological irregularities are observed. This is due to the polycrystalline nature of the Fe layers, which caused the subsequently deposited SiOC layers to follow the morphology of the Fe grains^[@CR31]^. The interfaces between the SiOC and Fe layers remain intact after implantation, indicating a desirable irradiation stability for both nanolaminates. The individual SiOC layers appear to have a uniform contrast with no signs of a secondary phase or voids after implantation. Columnar grains are observed in the Fe layers and their average size (reported in Table [1](#Tab1){ref-type="table"}) is seen to increase after implantation. The corresponding SAD patterns include both a diffuse ring and ring diffraction patterns corresponding to the amorphous SiOC and crystalline Fe layers, respectively. These findings are consistent with the XRD results presented in Figs. [2c and 2d](#Fig2){ref-type="fig"}, and also with our previous studies on SiOC/Fe nanolaminates with individual layer thicknesses of 72 ± 10 nm^[@CR20],[@CR21],[@CR23]^.Table 1Grain size, bubble diameter, bubble density, bubble spacing, and changes in hardness for the Fe film and the nanolaminates.FeThick SiOC/FeThin SiOC/FeAverage Fe grain size before implantation (nm)18 ± 516 ± 215 ± 2Average Fe grain size after implantation (nm)69 ± 1324 ± 617 ± 3Average bubble diameter (nm)1 ± 0.21 ± 0.11 ± 0.1Maximum bubble density (m^−3^)2.5 × 10^24^1.5 × 10^24^0.9 × 10^24^Average bubble spacing (nm)182532Implantation-induced hardening from FKH model (GPa)0.30.20.1Hardness changes from nanoindentation results (GPa)0.81.4−0.1

To characterize the configuration of He bubbles present, high magnification TEM images of the implanted films were collected via through-focus imaging. Figure [4](#Fig4){ref-type="fig"} shows the typical under-focused cross-sectional TEM micrographs of the films after implantation. The micrographs were taken from regions where the He concentration was predicted by SRIM to be \~5 at. %. The under-focused TEM micrographs were used to determine the average diameter of the He bubbles (*D*~*He*~) by taking into consideration the corresponding defocus (800 nm). Bubble density (*N*~*He*~, number of He bubbles per unit volume) was then determined by counting bubbles from the TEM micrographs and taking into consideration the thickness of the TEM specimen. Average spacing (center to center) between bubbles (*L*~*He*~) was estimated as $\documentclass[12pt]{minimal}
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                \begin{document}$${L}_{He}=1/\sqrt{{N}_{He}{D}_{He}}$$\end{document}$^[@CR2]^. The obtained values of bubble diameter, density and average spacing are reported in Table [1](#Tab1){ref-type="table"}.Figure 4Under-focused high magnification cross-sectional bright-field TEM micrographs of the films after implantation. The micrographs were taken from regions where the He concentration was predicted by SRIM to be \~5 at. %.

The under-focused high magnification TEM micrograph of the SiOC film after implantation, presented in Fig. [4a](#Fig4){ref-type="fig"}, exhibits a maze-like pattern corresponding to the amorphous nature of the film. No He bubbles or voids are observed in the microstructure. This observation is consistent with our previous studies, where no He bubbles were observed in amorphous SiOC films subjected to an applied implantation dose of up to 113 at. %^[@CR13],[@CR19]^. In contrast to the absence of He bubbles in the implanted SiOC film, the under-focused TEM micrograph of the implanted Fe film (Fig. [4b](#Fig4){ref-type="fig"}) shows He bubbles appearing as white dots surrounded by a dark Fresnel fringe. The bubbles are observed inside the grains and along the grain boundaries. Arrays of bubbles formed along grain boundaries are indicated by arrows in Fig. [4b](#Fig4){ref-type="fig"}. For the implanted Fe film, an average bubble diameter of 1 nm and density of 2.5 × 10^24^ m^−3^ were measured. The obtained bubble density is within the range of values typically reported for metals (10^18 ^-- 10^25^ m^−3^)^[@CR6]^. Figures [4c and 4d](#Fig4){ref-type="fig"} show under-focused high magnification TEM micrographs of the thick and thin SiOC/Fe nanolaminates after implantation, where He bubbles are observed in the Fe layers, but not in the SiOC layers. The amorphous/crystalline interfaces are also free from He bubbles. The average He bubble diameter was found to be similar for both nanolaminates (1 nm). The bubble density for both thick and thin SiOC/Fe nanolaminates (1.5 × 10^24^ m^−3^ and 0.9 × 10^24^ m^−3^, respectively) was found to be smaller than that for the Fe film. Also, the bubble density of the thin SiOC/Fe nanolaminate was less than the thick SiOC/Fe nanolaminate.

Implantation-induced changes in mechanical response {#Sec4}
---------------------------------------------------

Reduced elastic modulus and hardness of the films before and after implantation were evaluated by nanoindentation. To investigate the changes in reduced elastic modulus and hardness along the thickness of the films, the maximum indentation force (*P*~*max*~) was varied from 0.5 to 10 mN. A minimum of 10 indentations were performed at each load to obtain the average values and corresponding standard deviation of the reduced elastic modulus and hardness. During the experiments, the applied force and resulting penetration depth of an indenter were continuously recorded throughout a complete loading-unloading cycle. The recorded data was plotted as a force vs. penetration depth curve and the initial portion of the unloading curve was fit to a power law, which then allowed for the determination of the slope of the unloading curve at maximum penetration depth, i.e., stiffness (*S*). To obtain the elastic modulus and hardness of the films, it was necessary to find the projected area of contact between the indenter and the specimen (*A*~*p*~). SPM images of the cube corner impressions (presented in Supplementary Fig. [S2](#MOESM1){ref-type="media"}) showed formation of pile-up around the edges of the impressions for all films except the implanted SiOC film. Formation of pile-up increases the depth over which the indenter and the specimen are in contact (contact depth, *h*~*c*~), and thus increases the contact area. The method of Oliver and Pharr^[@CR32]^, typically used for determining the projected contact area, does not account for pile-up leading to the projected contact area calculated being smaller than the real area. This leads to an overestimation of the reduced elastic modulus and hardness. To account for pile-up in the analysis of the nanoindentation data, the projected contact area was measured directly from the post-indentation SPM images. The reduced elastic modulus (*E*~*r*~) and hardness (*H*) of the films were then determined using $\documentclass[12pt]{minimal}
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                \begin{document}$$1/{E}_{r}=(1-{\nu }^{2})/E+(1-{\nu }_{i}^{2})/{E}_{i}$$\end{document}$, where *v* is the Poisson's ratio of the film and *v*~*i*~ and *E*~*i*~ are the Poisson's ratio and elastic modulus of the indenter, in this case diamond (*v*~*i*~ = 0.07 and *E*~*i*~ = 1141  GPa)^[@CR32],[@CR33]^. Since the Poisson's ratio of the SiOC/Fe nanolaminates is unknown, results are reported in terms of reduced elastic modulus.

For indentations performed with a cube corner indenter, the contact depth varied between 20 -- 760 nm. For contact depths greater than 100 nm (\~1/10 of the film thickness), influence from the substrate on the reduced elastic modulus and hardness was unavoidable. Various treatments are available to account for the effect of the substrate on the elastic modulus and hardness of thin films. However, these treatments typically require a knowledge of the Poisson's ratio of the material and are applicable to single layer films with uniform mechanical properties along their thickness^[@CR34],[@CR35]^. Therefore, to avoid introducing uncertainties into calculations, the reduced elastic modulus and hardness data reported in this study were not subjected to any treatments. Although the reduced elastic modulus and hardness reported in this study are affected by the substrate, differences between the mechanical response of the as-deposited and implanted films can be attributed to the effects of implantation^[@CR36]^. Nevertheless, some uncertainties may exist when comparing different films with one another^[@CR3]^.

Figures [5](#Fig5){ref-type="fig"} and [6](#Fig6){ref-type="fig"} show average values of reduced elastic modulus and hardness of the films before and after implantation plotted as a function of contact depth. Except for the SiOC film, which based on the TEM results did not contain any bubbles, the depths corresponding to the maximum concentration of implanted He ions are marked on the plots. For almost all the films, the reduced elastic modulus and hardness decreased with increasing contact depth, which shows the influence of the substrate. The indentation size effect is also seen in the hardness results. Additionally, the higher Ra values of the Fe films compared to the SiOC film and the thick and thin nanolaminates results in more variation of the reduced elastic modulus and hardness of the Fe films below a contact depth of 100 nm^[@CR33]^. Discrete displacement bursts, sudden increases in penetration depth at a relatively constant force during loading, are most often attributed to the onset of inhomogeneous plasticity through nucleation of dislocations or shear bands or breakthrough of a thin film^[@CR37]^. The force vs. penetration depth curves obtained from as-deposited and implanted films were continuous and free from displacement bursts, indicating homogenous deformation in the films without the formation of cracks. This was further supported by the absence of cracks in the SPM images of the cube corner impressions (Supplementary Fig. [S2](#MOESM1){ref-type="media"}).Figure 5Average values of reduced elastic modulus of the films before and after implantation plotted as a function of contact depth. The dashed lines correspond to depths where the concentration of implanted He ions is highest. The open diamond shown in (**b**) corresponds to the reduced elastic modulus of the films after irradiation with Fe ions to a damage level of 2.5 dpa, reported in^[@CR23]^.Figure 6Average values of hardness of the films before and after implantation plotted as a function of contact depth. The dashed lines correspond to depths where the concentration of implanted He ions is highest. The open diamond shown in (**b**) corresponds to the hardness of the films after irradiation with Fe ions to a damage level of 2.5 dpa, reported in^[@CR23]^.

Discussion {#Sec5}
==========

Our microstructural studies demonstrated that SiOC retained its amorphous structure after implantation. Furthermore, no He bubbles were observed in the under-focused TEM micrographs of the implanted SiOC film. Amorphous SiOC consists of structural tetrahedral units of SiO~4-x~C~x~ (x = 0 -- 4). According to the random bonding model (RBM), Si atoms randomly bond with O and C atoms to form a homogenous network. Because of the relatively low deposition temperature in magnetron sputtering, as-deposited atoms lack sufficient kinetic energy to reach a thermodynamic equilibrium state and are in a metastable state^[@CR38]^. Formation of collision cascades and thermal spikes during irradiation give rise to increased atomic mobility and allow the material to undergo structural relaxation, which transforms the as-deposited metastable amorphous structure into a more relaxed state. This relaxation process is accompanied by a reduction in free volume and structural rearrangements^[@CR13],[@CR38]^. Our previous studies demonstrated that although He bubbles were not retained in amorphous SiOC, implantation led to a reduction in the number of Si‒O bonds and an increase in the number of Si‒C and C‒O bonds^[@CR13]^. The absence of He bubbles in the microstructure is a possible indication of an interstitial-like diffusion mechanism at work, where He ions diffuse through the free volume present in the amorphous structure^[@CR13]^.

For the Fe film and the nanolaminates, irradiation damage led to Fe grain growth. According to Table [1](#Tab1){ref-type="table"}, the average size of the Fe grains was similar in the as-deposited Fe film and the nanolaminates. After implantation however, the average size of the grains in the Fe film was almost three times larger than the thick SiOC/Fe nanolaminate. For the thin SiOC/Fe nanolaminate, changes in the average size of the Fe grains was minor. Generation of point defect and thermal spikes during ion irradiation, which leads to increased atomic mobility, is the underlying mechanism responsible for grain growth. A plausible explanation for the lower magnitude of grain growth in the nanolaminates compared to the Fe film is the annihilation of point defects at amorphous/crystalline interfaces and a subsequently lower concentration of mobile atoms^[@CR21]^.

Another consequence of implantation in the Fe film and the nanolaminates was the formation of He bubbles, as evidenced by the TEM micrographs. Extensive TEM studies revealed that the depth profile of He bubble density follows a trend similar to that of the implanted He ion concentration obtained by SRIM (shown in Figs. [1b and 1c](#Fig1){ref-type="fig"}). Additionally, the depth corresponding to the maximum bubble density was found to coincide with that of maximum He ion concentration (236 nm for the Fe film and 306 nm for the thick and thin SiOC/Fe nanolaminates). Average bubble diameter, maximum bubble density, and average spacing between bubbles are reported in Table [1](#Tab1){ref-type="table"}. The average bubble diameter was the same in the Fe film and the nanolaminates, which shows that bubble size is independent of the thickness of the Fe layers. However, the maximum density of He bubbles in the Fe film was 2 -- 3 times higher than the nanolaminates. Since He bubbles are formed from He-vacancy clusters, a lower density of He bubbles suggests an overall reduction in the concentration of vacancies present in the system. It is generally accepted that irradiation-induced defects tend to migrate to interfacial regions (e.g., grain boundaries and interfaces) that effectively act as sinks^[@CR1],[@CR2],[@CR4],[@CR5],[@CR7]^. Therefore, it appears that amorphous/crystalline interfaces facilitate the annihilation of defects created during implantation in the nanolaminates. This is further supported by the bubble density of the thin SiOC/Fe nanolaminate being less than the thick SiOC/Fe nanolaminate. By reducing the thickness of individual layers, the total area of amorphous/crystalline interfaces per unit volume increases, which assists defect annihilation. Similar observations have also been reported in crystalline/crystalline nanolaminates^[@CR1],[@CR2],[@CR4],[@CR5],[@CR9],[@CR10]^.

The XRD results of the thick SiOC/Fe nanolaminate after implantation indicated a shift to smaller 2θ values for the bcc Fe peaks corresponding to out-of-plane lattice expansion. Formation of pressurized He bubbles is a plausible explanation for the lattice expansion based on the point source dilatation mechanism^[@CR2],[@CR5]^. Since the film is constrained by the substrate, lattice expansion in the normal direction induces a biaxial compressive elastic stress in the plane of the film^[@CR1],[@CR2]^, which could affect the mechanical properties. He bubble-induced lattice expansion has been observed in other systems, where the magnitude of expansion was seen to be proportional to bubble density^[@CR1],[@CR2],[@CR4],[@CR5]^. Since bubble density changes along the thickness of the films, a quantitative evaluation of lattice expansion was not attempted from the XRD results. However, a qualitative comparison between the XRD patterns of the two SiOC/Fe nanolaminates (Figs. [2c and 2d](#Fig2){ref-type="fig"}) demonstrated that, unlike the thick nanolaminate, no shift was observed in the XRD patterns of the thin nanolaminate. This indicates that decreasing the thickness of the individual layers results in a reduction or disappearance of lattice expansion^[@CR2],[@CR5]^ and is consistent with the maximum He bubble density of the thin nanolaminate (0.9 × 10^24^ m^−3^) being lower than the thick nanolaminate (1.5 × 10^24^ m^−3^).

The average values of reduced elastic modulus and hardness over a range of contact depths measured from films before and after implantation are shown in Figs. [5](#Fig5){ref-type="fig"} and [6](#Fig6){ref-type="fig"}. Prior to implantation, at a contact depth of \~100 nm, reduced elastic moduli of 67.8 and 137.3 GPa were obtained for the SiOC and Fe films, respectively. The reduced elastic moduli of the as-deposited thick and thin SiOC/Fe nanolaminates at the same contact depth (119.3 and 118.9 GPa, respectively) were between that of the SiOC and Fe films. On the other hand, the hardness of the as-deposited thick and thin SiOC/Fe nanolaminates at a contact depth of \~100 nm (10.6 and 11.7 GPa, respectively) was higher than the hardness of the SiOC and Fe films (8.3 and 6.9 GPa, respectively). These observations are consistent with our previous study where a Berkovich indenter was used for indentations and the contact depth was limited to 1/10 of the film thickness^[@CR23]^. The enhanced hardness of the nanolaminates has been attributed to plastic co-deformation of the SiOC and Fe layers that delays the failure of the amorphous layers^[@CR23]^. Also, a comparison between the hardness of the as-deposited thick and thin SiOC/Fe nanolaminates suggests the hardness of the nanolaminates increases with decreasing layer thickness. Since the thickness of individual Fe layers in thick and thin SiOC/Fe nanolaminates is in the range of 10 -- 100 nm, confined layer slip (CLS) is the dominant deformation mechanism^[@CR39]^. The shear stress required to propagate a dislocation loop confined to a layer is inversely proportional to layer thickness^[@CR11]^. Therefore, the shear stress, and thus the strength and hardness, of the nanolaminate films increase with decreasing the layer thickness.

As shown in Fig. [5a](#Fig5){ref-type="fig"}, implantation resulted in an increase in the reduced elastic modulus of the SiOC film over all contact depths investigated. Implantation-induced microstructural evolution is a plausible explanation for the increase in reduced elastic modulus of the SiOC film. This is further discussed below. As seen in Fig. [5b](#Fig5){ref-type="fig"}, He implantation had minimal effect on the reduced elastic modulus of the Fe film at contact depths ≤450 nm. A comparison between the change in reduced elastic modulus of the He-implanted Fe film with that reported in our previous study for an Fe film subjected to irradiation with 3.5 MeV Fe ions^[@CR23]^ also showed a similar effect. Linear interpolation of the data of reduced elastic modulus obtained as a function of dpa from^[@CR23]^, results in a reduced elastic modulus of 129.8 GPa for the Fe film irradiated with Fe ions to a damage level of 2.5 dpa at a contact depth of \~100 nm. This value of reduced elastic modulus (shown as an open diamond in Fig. [5b](#Fig5){ref-type="fig"}) is comparable to the reduced elastic modulus of the He-implanted Fe film at a depth of \~236 nm, which corresponds to both a damage level of 2.5 dpa and 5 at. % He implantation. Hence, the reduced elastic modulus of the Fe film in the present study does not depend on the presence of He bubbles. Similar observations have been reported for a W--Ta alloy, where no significant change in elastic modulus was observed after implantation with W ions^[@CR40]^. As shown in Figs. [5c and 5d](#Fig5){ref-type="fig"}, He implantation resulted in a reduction in reduced elastic moduli of both the thick and thin nanolaminates. Further work is required to determine the underlying reasons for the decrease in the reduced elastic modulus of the nanolaminates. A comparison between Figs. [5c and 5d](#Fig5){ref-type="fig"} also demonstrates that implantation-induced reduction in reduced elastic modulus of the thick nanolaminate (3 -- 9%) is smaller than the thin nanolaminate (13 -- 26%, except at a contact depth of \~550 nm). The presence of a compressive elastic stress in the plane of the thick nanolaminate (induced by the out-of-plane lattice expansion, evidenced by the XRD results) could be a plausible explanation for the smaller drop in reduced elastic modulus of this film^[@CR41]^. The underlying reason for the anomaly observed at a contact depth of \~550 nm in the thin SiOC/Fe nanolaminate is unclear.

In addition to the increase in reduced elastic modulus, irradiation of the SiOC film with He ions led to an increase in hardness for all contact depths (Fig. [6a](#Fig6){ref-type="fig"}). The absence of He bubbles, evidenced by the TEM results, rules out any influence from bubbles on the mechanical response. Increased reduced elastic modulus and hardness of the implanted SiOC film can likely be explained by microstructural evolutions, where implantation leads to a reduction in the number of Si‒O bonds and an increase in the number of Si‒C and C‒O bonds^[@CR13]^. Due to these structural rearrangements, the possibility of finding C-rich SiO~4-x~C~x~ tetrahedral units in the implanted SiOC film is higher than in the as-deposited film. Formation of C-rich SiO~4-x~C~x~ tetrahedral units leads to an increased bond density and thus creates a stiffer and more constrained atomic structure with a higher elastic modulus and hardness^[@CR38],[@CR42],[@CR43]^. Also, an increase in the number of C-rich SiO~4-x~C~x~ tetrahedral units increases the possibility of finding tetrahedral units that are connected via Si‒C‒Si bridging bonds rather than Si‒O‒Si bonds. Since the C atoms form four bonds with the Si atoms, rather than two bonds for O, the Si‒C‒Si bridging bonds are much more rigid than the Si‒O‒Si bonds^[@CR38]^. This further increases the elastic modulus and hardness of the SiOC film after implantation.

As seen in Fig. [6b](#Fig6){ref-type="fig"}, He implantation of the Fe film led to an increase in hardness for all the contact depths. Implantation/irradiation-induced hardening of crystalline metals is a result of the interactions between glide dislocations and generated defects, such as He bubbles and interstitial loops^[@CR1],[@CR3]--[@CR5]^. Previous studies on stainless steel have shown at approximately 1 at. % He concentration, dislocations can be pinned by He bubbles in the lattice^[@CR3]^. Therefore, He bubble strengthening is a possible mechanism for the increased hardness of the Fe film. Molecular dynamic simulations of Fe implanted with He has demonstrated that the barrier strength of He bubbles depends on the He/vacancy ratio (*R*), where bubbles with a ratio of 1 -- 2 are weak obstacles for dislocation motion^[@CR5],[@CR44]^. To determine the barrier strength of the He bubbles, the equilibrium pressure of He bubbles (*P*) was calculated by *P* = 4*γ*/*D*~*He*~ where *γ* is the surface energy of the bubble. Bubble pressure (in GPa) was also estimated by the exponential approximation of the equation of state (EOS) for He expressed as $\documentclass[12pt]{minimal}
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As seen in Fig. [6c](#Fig6){ref-type="fig"}, He implantation of the thick SiOC/Fe nanolaminate led to an increase in hardness. Based on our previous study^[@CR23]^, the SiOC and Fe layers with individual layer thicknesses of 72 ± 10 nm deform collectively and homogenously to accommodate the strain applied to the SiOC/Fe nanolaminate. During deformation, single dislocation loops form inside the Fe layers and propagate parallel to the interfaces (CLS mechanism). Since localized shear flow is inhibited by geometrical constraints, the SiOC layers can also undergo homogenous deformation through plastic flow and/or compaction^[@CR23]^. According to Table [1](#Tab1){ref-type="table"}, the average spacing of He bubbles in the thick SiOC/Fe nanolaminate (25 nm) was smaller than the thickness of individual Fe layers (80 nm). Therefore, when a dislocation loop becomes mobile inside the Fe layers, it may interact with He bubbles before reaching the interface^[@CR2],[@CR5]^ and thus lead to hardening. For the thick nanolaminate, He bubble pressure, molar volume, and He/vacancy ratio were found to be 7.3 GPa, 6.2 cm^3^/mol, and 1.1, respectively. Therefore, the He bubbles can be considered as weak barriers for dislocation motion. Using the FKH model, implantation-induced hardening caused by He bubbles was estimated to be \~0.2 GPa, which accounts only for \~15% of the experimental value. Unlike the case of the Fe films, we are unable to validate the prediction of the FKH model through a comparison between the hardness of the He-implanted thick SiOC/Fe nanolaminate with that reported in our previous study for a SiOC/Fe film with individual layer thicknesses of 72 ± 10 nm subjected to irradiation with 3.5 MeV Fe ions^[@CR23]^. This is because the reduced elastic moduli of the Fe-irradiated and He-implanted Fe films were measured at different contact depths (\~100 nm and 306 nm, respectively) and, as seen in Fig. [6c](#Fig6){ref-type="fig"}, the hardness of the thick SiOC/Fe nanolaminate decreases significantly with increasing the contact depth. In addition to He bubbles, other plausible factors contributing to hardening in this nanolaminate are irradiation-induced formation of interstitial loops and hardening of the individual SiOC layers. Our nanoindentation results showed an increase in the hardness of the SiOC film after implantation with He. The effects of reducing the thickness of SiOC (from 1 μm in the single layer film to 60 and 14 nm in the thick and thin nanolaminates, respectively) on its deformation mechanism have not been reported. However, implantation-induced hardening of the SiOC layers in the thick nanolaminate is not implausible, which could further increase the hardness. Further investigation in this area is warranted.

Similar to the Fe and thick SiOC/Fe films, the He/vacancy ratio for the thin nanolaminate was also found to be 1.1. Therefore, He bubbles formed in the thin nanolaminate can also be considered as weak obstacles for dislocation motion. However, based on Fig. [6d](#Fig6){ref-type="fig"}, the hardness of the implanted thin SiOC/Fe nanolaminate is comparable to the as-deposited film. A comparison between the changes in hardness estimated from the nanoindentation experiments and those calculated by the FKH model (see Table [1](#Tab1){ref-type="table"}) showed that although the nanoindentation results demonstrated a slight decrease in hardness, the FKH model predicted an increase. In other words, it appears that the FKH model fails to accurately describe the mechanical response of the thin SiOC/Fe nanolaminate. This discrepancy can be explained by the average bubble spacing (32 nm) being almost two times larger than the thickness of individual Fe layers in this nanolaminate (14 nm). This makes it unlikely for dislocation loops to interact with He bubbles before reaching the interface. As a result, although He bubbles are formed in the thin SiOC/Fe nanolaminate, they do not lead to hardening. The plastic deformation of the thin SiOC/Fe nanolaminate before and after implantation is dominated by the stress necessary to transmit dislocations across the interface^[@CR2],[@CR5]^.

Conclusions {#Sec6}
===========

The evolution of microstructure and mechanical properties of 1 μm thick amorphous SiOC, nanocrystalline Fe, and SiOC/Fe nanolaminate films subjected to 50 keV He^+^ implantation at room temperature was systematically investigated. He bubbles were observed in all the films except SiOC. A lower bubble density was obtained for the SiOC/Fe nanolaminates compared to the Fe film. The average size of Fe grains after implantation was also smaller in the SiOC/Fe nanolaminates compared to the Fe film. These observations suggest that amorphous/crystalline interfaces act as efficient defects sinks, promoting interstitial and vacancy recombination and mitigating He bubble accumulation and grain growth. The SiOC/Fe nanolaminates also remained structurally stable after implantation as the amorphous/crystalline interfaces remained intact.

He implantation was seen to result in an increased hardness in the SiOC and Fe films. The hardening of the SiOC film was attributed to microstructural evolution and an increase in the number of Si‒C and C‒O bonds. The FKH model predicted an increase in the hardness of the Fe film due to the formation of He bubbles. However, a comparison between the hardness of He-implanted Fe film with that reported in our previous study for an Fe film subjected to irradiation with 3.5 MeV Fe ions, demonstrated that within the uncertainty of our measurements there is no measurable effect from the interaction of dislocations with He bubbles on the increase in hardness. Formation of interstitial loops as a result of irradiation damage is a plausible mechanism that could contribute to hardening in the Fe film. For the SiOC/Fe nanolaminates, hardening was only observed in the nanolaminate with alternating layers of 60 nm thick SiOC and 80 nm thick Fe, in which the average spacing between the He bubbles was comparable or smaller than the thickness of individual layers. The increased hardness was found to be only partially resulted from the interactions of dislocations with He bubbles. Other plausible factors contributing to hardening in this nanolaminate are hardening of the individual SiOC layers and irradiation-induced formation of interstitial loops. When the thickness of the individual SiOC and Fe layers was reduced to 14 nm, hardness of the SiOC/Fe nanolaminate remained unchanged after implantation. The SiOC/Fe nanolaminate with individual layer thicknesses of 14 nm is a promising candidate for applications that require irradiation tolerant materials since its microstructure was stable and its hardness remained essentially unchanged after implantation.

Methods {#Sec7}
=======

Specimen preparation {#Sec8}
--------------------

A single layer SiOC film, a single layer Fe film, a SiOC/Fe nanolaminate film with alternating layers of 60 nm thick SiOC and 80 nm thick Fe (referred to as thick SiOC/Fe), and a SiOC/Fe nanolaminate film with alternating layers of 14 nm thick SiOC and 14 nm thick Fe (referred to as thin SiOC/Fe) were used in this study. Radio frequency (RF) magnetron sputtering was used to synthesize amorphous SiOC from SiO~2~ and SiC targets with purities of 99.995% and 99.5%, respectively. The nominal composition of the as-deposited SiOC was 30 at. % Si, 40 at. % O, and 30 at. % C^[@CR19],[@CR50]^. Direct current (DC) magnetron sputtering was used to synthesize α-Fe from an Fe target with a purity of 99.95%. All films were deposited on oxidized Si wafer substrates and had nominal thicknesses of 1 μm. For the SiOC/Fe nanolaminates, the last layer deposited on the surface was SiOC to prevent possible oxidation of the Fe and also to obtain a lower surface roughness.

Ion implantation {#Sec9}
----------------

The as-deposited films were subjected to 50 keV He^+^ implantation at room temperature. To obtain a 5 at. % peak concentration of implanted He ions, fluences of 6.8 × 10^16^, 6.5 × 10^16^, and 7.0 × 10^16^ ion/cm^2^ were used for the SiOC, Fe, and SiOC/Fe films, respectively. Stopping and Range of Ions in Matter (SRIM)-2008^[@CR25]^ was used to calculate the simulated depth profiles of the implanted ion concentration and irradiation damage. For the simulations, the SiOC/Fe nanolaminates were considered as a uniform layer of amorphous material with a nominal composition of Fe~13.3~Si~3~O~4~C~3~ and a density of 5.3 g/cm^3^.

Atomic force microscopy {#Sec10}
-----------------------

A commercial Bruker atomic force microscope operating in tapping mode was used to examine the surface topography and measure the average surface roughness (Ra) of the films before and after implantation.

Characterization of structural properties {#Sec11}
-----------------------------------------

A Bruker-D8 Discover X-ray diffractometer was used to characterize the crystallographic structure of the films before and after implantation. A monochromatic Cu Kα~1~ radiation, with a wavelength of 0.1540562 nm, was used for the experiment. Except for the SiOC film, the XRD patterns were collected using the conventional θ/2θ scanning configuration. For the SiOC films, the incident angle of the X-ray was held constant at the lowest value possible for the instrument (7.5°) to minimize the substrate peaks and enhance any signal from SiOC. An FEI Tecnai G2 F20 transmission electron microscope (TEM) was used to examine the cross-sectional microstructure of the films before and after implantation. The cross-sectional specimens used for TEM were prepared through grinding, polishing, and ion milling.

Characterization of mechanical properties {#Sec12}
-----------------------------------------

A force-controlled Hysitron Triboindenter was used to study the mechanical response of the as-deposited and implanted films. Indentations were performed using a diamond cube corner indenter. After reaching thermal equilibrium in the instrument enclosure, the films were indented over a range of maximum forces (0.5, 1, 2, 4, 6, 8, or 10 mN) using a loading rate of 0.2 mN/s. The force was then held constant at the maximum for 60 s to allow any time dependent plastic effects to diminish. During unloading, the force was reduced to 10% of the maximum force in 10 s, held constant for 60 s to measure thermal drift, and finally reduced to zero in 2 s. Immediately after the final unloading, the diamond indenter was used as a scanning probe tip to study the cube corner impressions.
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